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Analysis of the effect of yield stress on stress corrosion cracking of
martensitic and ferritic steels in acidic environments
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To evaluate the effect of yield stress on hydrogen embrittlement (HE) of martensitic and ferritic steels, the effect
of hydrogen (H) capture by structural inhomogeneities (hydrogen traps) and the effect of plastic deformation and
stress on the mechanism of stress corrosion cracking (SCC) are considered. In the presence of hydrogen, the brittle
fracture of high-strength martensitic steels consists of flat areas of intergranular fracture at the initial austenitic
grain boundaries and quasi-brittle cracks at the boundaries of martensite blocks. In low-strength steels, brittle
fracture manifests itself in the form of transgranular fracture of ferrite grains. The decrease in the characteristics of
martensitic steels with an increase in the yield strength occurs due to an increase in the hydrogen concentration
at the stage of anodic dissolution (AD) due to the growth of the carbide/matrix interface. The reason for the
growth hydrogen concentration in ferritic steels is a large mechanical overstress, an increase in the number of active
dissolution centers, the formation of an electrochemical pearlite-ferrite pair, and an increase in surface roughness
with increasing deformation. It is concluded that the bell-shaped dependences of the critical stress of the transition
from AD to SCC and other characteristics of mechanical tests on magnitude of the yield stress are due to different

mechanisms of hydrogen accumulation in martensitic and ferritic steels.
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Introduction

In previous work [1] it was shown that in the NACE
solution in the region of active corrosion at constant stress
of low-alloyed martensitic and ferritic pipe steels, the value
of the overstress coefficient (Ky) in the range of yield
stress oy, from 550 to 1100 MPa is constant at 1.4. For
ooz less than 550 MPa, the value Kt jumps up to a value
equal to 4.1. For these steels, it was also revealed that
the dependence of the critical stress (ocr) of the transition
from active corrosion to corrosion caused by hydrogen
embrittlement (HE) under stress (SCC) is bell-shaped with
a maximum at og about 550 MPa (Fig. 1). The present
work is a continuation of the previously published one [1].
The paper analyzes data on the strength (o) effect on the
susceptibility of martensitic and ferritic steels to HE. The
connection of hydrogen with microscopic heterogeneities,
which act as traps for hydrogen, and their influence on
the fracture process, the influence of stress and plastic
deformation on electrochemical reactions, the morphology
of the fracture surface, and other structural features that
affect the susceptibility of steel to HE are discussed.

The purpose of this paper is to establish the mecha-
nisms of corrosion cracking responsible for the bell-shaped
dependence of SCC on the value oy, of high-strength
medium-alloyed Ni—Cr—Mo-martensitic steels hardened by

1366

nanosized particles and low-alloyed ferritic pipe steels in
acidic environment containing H,S.

HE means that hydrogen, arising in the process of
cathodic reactions, or penetrating from the environment,
migrates in the form of atomic hydrogen to internal
centers of high stresses, leading to fracture. Three main
fracture mechanisms were proposed: hydrogen-enhanced
decohesion (HEDE) [2,3], hydrogen-enhanced localized
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Figure 1. Critical stress (ocr) of the transition from the

anodic dissolution (AD) to the SCC stage and the threshold
stress during the test 720h (ow) in NACE solution for fer-
ritic (CJ, M) and martensitic (A, A) steels vs. the yield stress
(002): curve 1(A, ®) — ocg, curve 2(A, 0) — on.
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plasticity (HELP) [4,5], hydrogen-enhanced vacancy stabi-
lization mechanism (VM) [6]. According to the HEDE
mechanism, the accumulation of hydrogen at grain bound-
aries or interfaces of particles of the second phase leads
to weakening of cohesive bonds and subsequent fracture.
In the HELP mechanism, it is shown that the injection
of hydrogen increases the mobility of dislocations and
causes localization of plastic deformation. In the case of
VM, it was shown that deformation in the presence of
hydrogen leads to the accumulation of excess vacancies,
the formation of microvoids, and subsequent fracture due
to their coalescence.

Damage to steel under conditions of hydrogen pickup
is determined by the amount of trapped hydrogen by
various traps. Such traps are microstructural heterogeneities:
substitutional atoms, vacancies, dislocations, various inclu-
sions, micropores, elastic stress fields [7,8]. The trapping
sites are characterized mainly by the binding energy Ws.
Traps with binding energy W > 60kJ/mol are strong and
irreversible, traps with binding energy Wg < 30kJ/mol
are weak and reversible [9]. It was established that,
first of all, hydrogen is trapped by strong traps, weak
traps are not filled with hydrogen until strong traps are
filled. Weak traps are dislocations (Wg = 20—30kJ/mol),
coherent inclusion M,C and carbides (Wg = 11.5kJ/mol),
cementite interfaces (W = 11—18kJ/mol), ferrite grain
boundaries (Wg = 32kJ/mol), lattice traps with weak fill-
ing — atoms Cr, Mo, V, Ti (Ws = 26—27 kJ/mol) dissolved
in the matrix, low-angle grain boundaries of plates in
martensitic steels, consisting of edge and screw dislocations
with binding energy (Wg = 15—35kJ/mol) [10]. Strong
traps are high-angle initial austenitic grain boundaries with
energy Wg = 40—60kJ/mol, as well as interfaces between
particles at the grain boundaries and the matrix [11]: MnS
(72kJ/mol), iron oxides 51—70kJ/mol. Also strong traps
are vacancies W = 49—51kJ/mol [12], dislocation cores
51.6 kJ/mol [10], vacancy clusters 68 kJ/mol [10,12].

Hydrogen trapped in traps is in local equilibrium with the
lattice. If W is small, then the trapped hydrogen can act at
room temperature as an additional source of hydrogen. The
source begins to operate when the hydrogen concentration
in the matrix is below the equilibrium value. Such hydrogen
is classified as diffusive, which can migrate, for example,
to the area of stress concentration near the crack tip [13].
For this reason, the increased number of traps with low
binding energy rises the concentration of hydrogen in the
matrix. This hydrogen can be trapped by dislocations and
moved by them to different places with high energy Wg. On
the contrary, the presence in the steel of a large number
of strong traps capable of trapping hydrogen, for example,
finely dispersed carbides, improves the steel resistance to
HE [11].

For martensitic steels, the total amount of hydrogen
increases during tempering due to the formation of a large
amount of carbides [14]. It was found that the ability of
carbides to trap hydrogen depends on their size. Thus, it
was established that TiC carbides larger than 70nm are
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not capable of trapping hydrogen. For Cry;;Ce carbides
the critical value is 100 nm, for Mo,C — 75nm, and for
carbides V4C; and W,C the particles larger than 20nm
cannot trap hydrogen [15]. In addition to the size, a
strong factor determining the ability to trap hydrogen is
the coherence of the carbide/matrix [8] interface. Thus, for
incoherent TiC particles in steel 0.42C—0.30Ti, the value Wg
is 85 kJ/mol, while for coherent TiC particles in this steel Wg
is 35kJ/mol [16].

Thus, irreversible traps function at low temperatures as
hydrogen absorbers, which improves the corrosion proper-
ties of steels. Weak traps provide a reservoir of mobile
hydrogen that diffuses into damage sites and contributes to
the hydrogen embrittlement of steel.

Dislocations are the main type of traps with maximum
occupancy and binding energy, which makes it possible to
deliver hydrogen to damage sites. Moving dislocations trap
hydrogen dissolved in the lattice only when the speed of
their movement approximately coincides with the diffusion
speed of hydrogen atoms in the lattice [7,17]. For this reason
HE is observed only at strain rates ¢ ~ 107>—10"%s~!, and
is not observed at strain rates &£ ~ 1073 s~!. Note that if the
density of traps at grain and carbide boundaries is constant
and does not depend on strain, then the density of traps
on dislocations NP increases with strain in proportion to
the increasing of the dislocation density p: NP = V2p/a
(a — lattice parameter). It was also established that
when a hydrogen atom is bound to dislocations cores, the
dislocation mobility increases by an order of magnitude,
and the dislocation line energy and the Peierls stress
decrease. The presence of hydrogen prevents the cross slip
of dislocations by increasing the distance between partial
dislocations, which contributes to the formation of localized
shear bands. Hydrogen-induced increasing of the number of
dislocations in flat pilling up leads to the creation of high
stresses in the head of the pilling up and thus to stress
increasing when the pilling up collide with brittle inclusions
at the grain boundary [18-20].

High-strength martensitic steels have a four-level hier-
archy of microstructures, consisting of grain boundaries
of the original austenite, a package, a block, and a
plate boundary [21]. Among these boundaries, high-
angle grain boundaries that can impede the movement of
dislocations, leading to the accumulation of dislocations
at the boundary, are initially austenitic grain boundaries
and block boundaries. They are boundaries with a high
angle of misorientation with a hydrogen binding energy
of 474kJ/mol [11]. The plate boundaries are low-angle
boundaries consisting of edge and screw dislocations with
the binding energy of Wg = 26kJ/mol [11]dislocations.
The substructure of the AISI 4340 martensitic alloy with
strength o, = 1100 MPa consists of dislocations, cementite
particles 90 nm in size located inside the plates, nanosized
particles TiN, AIN, Al,O; and MnS 6 nm in size dispersed
in matrix [11]. Particles in the form of (Ti,Mo)C carbides
are also observed.
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The cementite/matrix interface is incoherent and its
energy of binding with hydrogen is 10.9 kJ/mol [11]. With
such a low value of Wi, these particles ~ 90nm in size
cannot affect the susceptibility of steel to HE. Nanosized
particles (Ti,Mo)C with the hydrogen binding energy
W = 30.5—52kJ/mol increase the resistance of steel to HE,
since their presence leads to hydrogen decreasing in the
lattice and in dislocations. TiN, AIN, Al,O3, MnS particles
can also act as hydrogen traps, however, according to the
authors of [11], they have an insignificant effect on hydrogen
trap.

Thus, the main sites of hydrogen traps in high-strength
martensitic steel are boundaries with a binding energy of
474kJ/mol and dislocations. The dislocations density in
AISI 4340 steel in the initial state is 7-10*m~—2, and
after deformation € = 2% it is 2.3 - 10> m~2, and remains
constant under deformation up to 28% [11]. Note that the
plastic deformation of steel with a BCC lattice is determined
by screw dislocations, and not by edge dislocations [22]. For
this reason, in martensitic steels, hydrogen trap is considered
in the cores of screw dislocations.

Let us review the data on the study of the morphology of
the fracture surface of high-strength martensitic steel. In the
absence of hydrogen at room temperature, fracture occurs
due to the coalescence of micropores. In the presence
of hydrogen, the fracture surface consists of a mixture of
»flat“ regions that run along the original austenite grain
boundaries and are classified as intergranular fracture, and
quasi-cleavage surface that run along the slip planes {110}
in martensite blocks. In this case, in contrast to flat
fracture elements, the surface of the quasi-cleavage is not
flat; it is curved and has small zigzag markings [11,23,24].
According to [7], the splitting energy is equal to twice
the surface energy; the cohesive energy decreases linearly
with increasing of hydrogen concentration. It was also
shown [23] that the microstructure directly under both
flat and quasi-cleavage surfaces contains intense localized
slip bands. This allows us to conclude [11] that the
hydrogen-induced fracture in loaded martensitic steels can
be explained by the simultaneous action of the localized
plasticity (HELP) and decohesion (HEDE) mechanisms.
Intergranular fracture occurs when dislocation pilling up
collide with the initial boundaries of austenite grains, and
quasi-cleavage occurs when dislocation pilling up collide
with high-angle block boundaries in martensite. As noted
above, hydrogen increases the mobility of dislocations,
which leads to severe plastic deformation in grains in the
form of slip bands and a high density of dislocations. In
turn, the increasing of the dislocation density rises the local
concentration of hydrogen at the boundaries, which reduces
the cohesive energy of the boundaries. Mechanical stresses,
which are locally enhanced at high-angle boundaries, can
also be attributed to the factors that enhance the fracture
process.

The hydrogen printing method [23], in which AgBr is
restored to Ag by hydrogen, was used to visualize the
distribution of hydrogen atoms on the fracture surface. It

| |
800 1000
G2, MPa

|
600

|
400

Figure 2. Duration of AD stage for low-alloyed ferritic () and
high-strength martensitic steels (4) vs. value of the yield stress
(0'02).

is shown that hydrogen accumulation occurs near the high-
angle boundaries of austenite grains and martensite blocks,
which is consistent with the hydrogen transfer to these
boundaries due to dislocation activity.

Note that in the paper under consideration [11] the
mechanism of fracture of martensitic steels proposed earlier
by Novak [19] was substantially refined. Novak believed
that the fracture occurs as a result of decohesion at
the inclusion/matrix interface. It was found for the first
time in paper [11] that fracture initiation sites are either
high-angle initial austenite grain boundaries or martensite
block boundaries. The indicated fracture mechanism of
martensitic steels, based on the simultaneous action of the
HELP and HEDE mechanisms, was also confirmed in other
papers [22].

It was also found that stress corrosion cracking is
significantly affected by the microstructure, the state in
which hydrogen is in the steel (lattice hydrogen, hydrogen
in traps, hydrogen in strong traps), the stressed state of the
material, i.e., local stress oy, value and value of equivalent
plastic strain epeq [25].

The influence of the microstructure is quite well traced
when studying the effect of annealing on the value of
the yield stress oy, the amount of trapped hydrogen, the
susceptibility of martensitic steels to HE, and the time of
SCC beginning (Fig. 2). It was shown [26] that in a wide
range of g, change from 655 to 1030 MPa, the amount of
trapped hydrogen, as well as the susceptibility to HE under
stress increase with strength increasing. Microstructural
studies showed that under conditions of high strength,
the size of carbides is smaller than under conditions of
lower strength, but their concentration is much higher [26].
The latter means that smaller carbides in high strength
martensitic steel will result in a larger carbide/matrix
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interfacial area and correspondingly more trapped hydrogen.
The high susceptibility to HE of martensitic steels in the
high-strength state is also found in the critical stress ocr
of the transition from the active corrosion stage to the HE
stage dependence on the value oy, (Fig. 1). A feature of this
dependence is its bell-shaped nature with a maximum at
o092 = 550 MPa, ie., at the transition point from martensitic
steels to weaker pipe steels with a ferritic structure.

Let us discuss the features, caused by hydrogen, of the
fracture of low-strength ferritic steels. The mechanical
behavior of ferritic steels in the presence of hydrogen differs
distinctly from that of martensitic steels. It was found that
in iron and ferritic steels ,brittle” fracture manifests itself
in the form of transgranular quasi-fracture [20]. A complete
intergranular rupture due to the cohesive strength decreasing
of the grain boundary in the presence of hydrogen is
found only under conditions of strong cathodic polarization
at high current density. =~ Under normal conditions of
hydrogen pick up, grain boundaries, cementite particles, and
carbides do not participate in the development of fracture.
This is due to the low binding energy of hydrogen with
the boundaries of ferrite grains (18—20kJ/mol), cementite
(19—23kJ/mol) compared to the binding energy of hy-
drogen with dislocations (20—30kJ/mol) [27]. Carbides
in ferritic steel also have little effect on fracture. The
binding energy of hydrogen at ferrite/Fe;C interfaces is
11—18kJ/mol only [27]. At the same time, the influence
of various types of complex inclusions on the SCC of low-
strength pipeline ferritic steels was found. So, in [28] for
steel X70 (092 = 440 MPa) when the samples are tensioned
in an acidic solution (pH=4) with a low strain rate
(SSRT) different behavior of inclusions enriched with Al,O3
and those enriched with SiO, was found. Cracks occur
at inclusions enriched with aluminum. Note that such
inclusions are hard, brittle, incoherent to the metal matrix
and inclined to mechanical overstress [28]. At the same
time, silicon-enriched inclusions are easily deformed and
can effectively remove overstresses occurred under load,
therefore, under SCC conditions cracks do not appear in
such inclusions [29].

It was shown [30] that SCC in pipe steels (X80,
002 = 550 MPa), in acid environment pH =4 is controlled
simultaneously by both anodic dissolution and HE. It was
established that the initial sites of SCC initiation in pipe
steels are MnS inclusions, which initiate pitting [28]. The
stress concentration in the pits causes the local current in-
creasing of anodic dissolution and, consequently, additional
accumulation of hydrogen in the steel [30]. Besides, a
noticeable acceleration of the dissolution process can occur
due to the formation of an electrochemical pair ferrite-
pearlite [31].

For ferritic steels, as well as for martensitic steels, the
susceptibility to HE also changes with the increasing of steel
strength. Thus, it was noted [26] that when testing round,
precharging hydrogen speciments, the HE characteristics
(deformation to fracture &f and the relative change in
the cross-section area of the specimen at the moment of
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fracture RA) change significantly with the change of the
value of the yield stress gpp. In the [27] the effect of
hydrogen on the mechanical behavior of Cr—Mo-ferritic
steel (2.5% Cr, 1% Mo) with different heat treatment was
studied. The value of oy, varied in the range from 430 to
761 MPa. The main mechanism of fracture of low-strength
steel (430 MPa), even at the minimum tensile rate in the
presence of hydrogen, was plastic, i.e., was due to the
appearance, growth and coalescence of micropores. Small
pores were observed in the central region of the fracture
surface, the formation of which is associated with the
mechanism of localized plasticity (HELP). For samples with
the maximum strength of 761 MPa at a minimum loading
rate, in addition to the above mechanisms, the development
of fracture along the grain boundaries (IG) was observed.

Let us discuss the mechanism of fracture of pipe steels.
In paper [32] the fracture surface of samples of ferritic steel
with strength o9y < 550 MPa, preliminarily charged with
hydrogen, was studied. It is shown that under the surface
of quasi-cleavage fracture sites at a distance of < 2um
from the surface, there is an extremely high density of
dislocations, which extends through the entire grain. Along
with the high density of dislocations, a developed subgrain
structure with the grain size of 150—300nm (the initial
size of subgrains in steel not charged with hydrogen was
1-3um) was also found. This indicates that hydrogen
activates many slip systems over a wide area, as expected
in the HELP mechanism. It was also found that the
fracture surface is covered with nanosized pores 5—20nm
in size and 1-5um deep. Note that nanopores occurred
earlier than the moment of fracture due to the accumulation
of vacancies during intense plastic deformation and the
formation of hydrogen-vacancy agglomerations [6]. The
junction of hydrogen-vacancy clusters leads to the formation
of nanopores. Such nanopores are observed in the form of
pits on the mating surfaces of quasi-brittle fracture regions.
Based on the results of this work, a new HE mechanism
(VM) based on hydrogen-induced localized plastic defor-
mation was proposed; formation of nanopores by junction
of hydrogen-vacancy clusters; their coalescence leading to
the formation of micropores and subsequent quasi-brittle
fracture. Thus, the proposed mechanism combines all three
failure models HELP, HEDE and VM to explain HE in
ferritic steels.

The bond between hydrogen and vacancy clusters and
their influence on HE were studied not only for low-
strength ferritic steels, but also for high-strength martensitic
steels. It was shown [33] that under the surface of quasi-
cleavage fracture elements along the block boundaries there
are numerous nanopores formed from vacancy-hydrogen
clusters that initiate intragranular fracture.

Note that the proposed hydrogen-vacancy mechanism for
the micropores formation does not state calls into question
the previously identified mechanisms HELP and HEDE, but
only clarifies the mechanism of their action.

The above data show a noticeable difference in the
corrosion behavior of low-strength ferritic steels from
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that of high-strength steels. The main difference is that
during corrosion testing of low-strength ferritic steels, both
anodic dissolution (AD) and cathodic hydrogen reduction
processes are accelerated. In this regard, let us discuss
the data on the effect of stress and plastic deformation
on the electrochemical behavior of low-strength steel X70
(002 = 490 MPa) [34].

It is known that the potential for electrochemical corro-
sion is affected by an external load. According to [35], in
the region of elastic deformation the change in the electrode
potential caused by the load is defined as

AP -V,
Ap = , 1
@ F (1)

where AP is overpressure, Vi, is molar volume of the
alloy, z is ion valence, F is Faraday’s constant. In the
region of plastic deformation, the relationship between
potential displacement and plastic deformation is defined
as follows [36]:

TR Ja
A(p—;ln(N—Oé‘p"‘l), (2)

where ¢ is orientation-dependent factor, o is coefficient,
No is dislocation density before deformation, ep is plastic
deformation, T is temperature, R is gas constant.

It follows from the experimental data [34] that both
stress and plastic deformation reduce the potential of the
electrode, which leads to the corrosion activity increasing
of the steel. From [34] for steel X70 tested at a strain rate
of 1-10~*s~! in a neutral solution, it follows that in the
region of elastic deformation, the decrease in the potential
corrosion is negligible and amounts to 1mVscg. In the region
of plastic deformation £, = 20% the negative shift of the
potential is 10 times larger and amounts to 11mVscg. (The
change in the potential Ap occurred linearly with strain
increasing). The acceleration of the cathodic reaction is
associated with the area increasing of the cathodic regions.
It is also noted in paper [34] that the dislocation density
increasing during plastic deformation additionally creates a
large number of active centers on the surface (slip steps
and bends on the surface), accelerating electrochemical
reactions. According to [37], the number of dislocations
reaching the surface in one grain is related to plastic
deformation and grain size

n="yep ®)
0
where r¢ is atomic radius, L and d are initial grain size and
depth.

Note that the acceleration of stress corrosion is affected
by surface defects, such as cleavage steps, microcracks, and
other defects generated during plastic deformation. The
integral characteristic of these defects is the roughness
(Ra) of the sample surface, the value of which is related

to plastic deformation &, and grain size dy by a linear
dependence [38]:

Ra = Ra, + k- dp - &p, (4)

where K is coefficient.

It follows from (4) that with e, increase, the roughness
of the steel surface increases. According to [39], the growth
of R, during corrosion will accelerate anodic and especially
cathodic reactions in low-strength ferritic steels.

Thus, it was established that during plastic deformation
of steel in the corrosion solution, both anodic and cathodic
processes are accelerated. This process will be especially
noticeable in low-strength ferritic steels with yield stress of
less than 550 MPa, since the grain size L is related to the
002 value by the Hall-Petch equation: gy ~ L=1/2.

It is also shown that HE-of loaded steels of various
compositions in sodium chloride solution occur already at
the stage of anodic dissolution, regardless of the value of
the anodic and cathodic potentials [40] due to acidification
of the solution in the area of localized corrosion (pitting
bottom or in the emerging microcrack) to a pH value
of 3.8 [41].

Finally, the data on the change in the duration of the
anodic dissolution stage in the NACE solution (tap) (Fig. 2)
support the conclusion that the steels sensitivity to HE
increases with the oy, value change. Thus, it can be assumed
that the transition from the AD stage to the SCC stage
occurs with the accumulation of hydrogen at the initial stage
of the test up to a certain critical value. In this case, the tap
value decreasing observed in Fig. 2 indicates the hydrogen
accumulation rate increasing when testing steels with the
yield stress different from o0, = 550 MPa, at which the rate
of hydrogen accumulation is minimal.

The considered data show that plastic deformation in
low-strength pipe steels increases the steel susceptibility to
stress corrosion cracking by increasing the rate of anodic
dissolution and increasing the hydrogen content in the
steel. Increasing of HE degree is facilitated by the exit of
dislocations on the surface, which enhances local corrosion
and pitting. In turn, pittings are sites of crack initiation
due to stress concentration, the magnitude of which, as
shown by our estimates for low-alloy steels with strength
oy, below 550MPa in NACE solution, is 4.1. Plastic
deformation accelerates the restoration of hydrogen ions due
to the fresh surface formation during plastic deformation.
The dislocation density increasing leads to increasing of
the number of reversible traps for hydrogen. Hydrogen
penetrating into the steel together with dislocations, if
a neck is created, can be attracted to the region of
triaxial stresses ahead of the crack tip and contribute to
its propagation.

Based on the data reviewed, the following conclusions
can be drawn.

1. The bell-shaped nature of the dependence of the ocr
value of the transition from the AD stage to the SCC stage
is due to the activation of the cathodic process of hydrogen
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reduction with increasing or decreasing of the yield stress
from the value of gy = 550 MPa.

2. The yield stress value significantly affects the corrosion
behavior of ferritic and martensitic steels in the NACE

solution:

the HE mechanism, the stress ocg and the

transition time tap from active corrosion to the stage of
stress corrosion cracking, as well as the value of threshold
stress oOin.
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